Using in situ electron microscopy based uniaxial compression and density functional theory calculations, we investigated the room-temperature mechanical responses of sub-micron-scale cylindrical TaC(100) and TaC(011) pillars. The TaC(100) and TaC(011) pillars deform plastically via shear along {1 10}h110i and {1 11}h110i, respectively. Interestingly, both TaC(100) and TaC(011) exhibit size-independent yield strengths, with average values of 9 ± 2.4 and 11 ± 3.4 GPa, respectively. Our results provide new insights into the role of crystal anisotropy on room-temperature plasticity in TaC. Ó 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Refractory transition-metal carbides (TMC) and nitrides [1] [2] [3] , owing to a combination of strong ionic, covalent, and metallic bonds, possess good thermomechanical properties, along with good resistance to ablation, corrosion, and wear. They are thus attractive for applications in cutting tools, as wear-and oxidation-resistant coatings, as structural components (leading edges and nose-caps) in hypersonic vehicles, as diffusion barriers, as electrical conductors, and as optical thin films [4] [5] [6] [7] . Among the group IV and V binary TMCs with a rocksalt (B1) structure, tantalum carbide (TaC) has one of the highest melting points (T m % 4250 K) [1] and electrical conductivities (>5 Â 10 6 X À1 m À1 at 300 K) [1, 3] . Its mechanical properties are sensitive to carbon content [4] [5] [6] and comparable to those of other TMCs: TaC is stiff (elastic modulus $537 GPa) [1] , moderately hard (10 s of GPa) [2, 7] and, although localized plasticity is observed under microindents at room-temperature [7] [8] [9] , macroscopic ductility is more pronounced at temperatures 0.5T m [4, 5] . Roomtemperature microindentation studies revealed that {1 11}h110i is the most commonly observed slip system in TaC [8, 9] . However, the existing data on slip systems operating at elevated temperatures are conflicting: Rowcliffe and Warren reported that, at 1470 K, slip can occur along {001} or {011} [8] , while others have indicated that {1 11}h110i is the slip system operating at all temperatures [9, 10] .
Among the TMCs, the mechanical behavior of TaC is probably unique: single crystals of TaC were shown to deform plastically, rather than crack, during microindentation at temperatures as low as 77 K. This unexpected observation was attributed to the activation of a second slip system {1 10}h110i at 77 K in addition to the commonly expected {1 11}h110i [7] . The hardness of B1-structured TaC x was found to be maximum at an intermediate (x % 0.8), rather than at higher or lower (x = 0.5 or 1), carbon vacancy concentrations [2, 5, 8] . The hardness of TaC was found to decrease gradually, rather than abruptly, with increasing temperature [10] . Considerable ($90%) densification of TaC powders was achievable using >7 GPa pressures at room-temperature, and this was attributed to dislocation motion along multiple orientations, the formation of nanotwins, and the rotation of grains [11] . All of these results suggest that TaC is likely to be more metallic [10] and tougher than other B1-structured binary TMCs [7] . The operation of multiple slip systems and the observation of plastic flow at room-temperature in polycrystalline TaC point to the possibility of realizing "ductile ceramics", i.e. the combination of high hardness and ductility. environments. Achieving this goal in the class of TMCs is not a trivial task, and at the minimum would require detailed knowledge of the role of composition, slip systems, crystal anisotropy, and structural defects such as dislocations on the deformation behavior of the TMCs. For TaC, while previous studies have provided some insights into the effects of composition and the slip systems that operate during indentation, relatively little is known concerning the factors affecting room-temperature plasticity. Here, we focus on addressing the role of crystal anisotropy using a combination of in situ transmission electron microscopy (TEM) based uniaxial compression tests and density functional theory (DFT) calculations of deformation of TaC(100) and TaC(011) single crystals.
All of our in situ compression experiments were carried out using cylindrical TaC pillars prepared via focused ion beam (FIB) milling of TaC(100) and TaC(011) single crystals (nominal composition $TaC 0.85 , 2 mm thick, 2 mm diameter circular disks, from Applied Physics Technologies). The pillar fabrication process is described in detail in Ref. [12] . Briefly, the bulk crystals are first cut into two halves, one of which is mechanically polished to sub-100 lm thickness. The thinned samples are then mounted on TEM stubs and transferred to an FEI 235 FIB system. Pillars of diameters D between 0.1 and 0.5 lm with aspect ratios of 1.5-3.3, chosen to minimize buckling, are prepared using 30 kV Ga + beams in two steps. Initial coarse milling is carried out at an ion beam current of 20 nA, followed by fine milling with a 30 pA current. This milling procedure yields pillars with a slightly tapered (<3°) geometry.
The in situ compression tests were carried out using a Hysitron TEM PicoIndenter 95 with a flat 3 lm wide diamond punch in a JEOL 3010 TEM operated at 300 kV. Each of the TaC(100) and TaC(011) pillars is uniaxially compressed along [100] and [011], respectively, in displacement-control mode at a constant loading rate of 4 nm s
À1
. During each test, load-displacement data, video-rate (30 frames s À1 ) TEM images, and selected area electron diffraction (SAED) patterns are acquired.
Using DFT, we calculated the energy barriers associated with slip and shear in stoichiometric, defect-free, TaC single crystals along different slip systems composed of the three low-index planes, (100), (110), and (111), and the directions h100i, h110i, and h111i. All of our DFT calculations are performed at 0 K with the FHI-AIMS code [13] using supercells with periodic boundary conditions and GGA-PBE for the exchange-correlation functional [14] . The slab consisted of at least 12 layers that are periodic in the x and y directions and separated by at least 30 Å of vacuum along the z direction. We carefully tested the convergence of our results with respect to the slab and vacuum layer thicknesses, the basis set, and the density of the (numerical) integration mesh.
For each slip system, we determined the unstable stacking fault energy, a measure of the resistance to dislocation nucleation in an otherwise perfect crystal [15] . To this purpose, we first calculated the generalized stacking fault energy E GSF as a function of normalized displacement (x/b), where b is the Burgers vector for that slip direction. E GSF (x) is defined as the energy per unit area required to shift one half of the supercell with respect to the other half by a distance x. In all the calculations, the top half of the slab is moved uniformly along the desired slip direction until we reach a saddle point; all the atoms are constrained along the slip direction but fully relaxed in the other directions. We then obtain the unstable stacking fault energy as the maximum value in the E GSF vs. (x/b) curve.
We also calculated the total energy per unit volume required to induce shear strain along the three primary slip systems, {001}h110i, f1 10gh110i, and f1 11gh110i. In these calculations, the entire slab is sheared. That is, we move the first layer a certain distance dx, until it reaches a saddle point. During shear, we then move the second layer by 2dx, the third layer by 3dx, etc. This is in contrast to the above description of the slippage, where the entire upper half of the slab is moved by dx. As a consequence, the more layers we consider, the higher the absolute energy barrier. Therefore, we normalize the energy for shear per unit volume.
Figures 1(a)-(d) are representative bright-field TEM images extracted from a video (see "TaC(100) movie") recorded during compression of an $0.45 lm long TaC(100) pillar with D = 0.13 lm. In this experiment, we observe localized deformation and the formation of shear bands near the top of the pillar that is in contact with the diamond punch. The first occurrence of slip, labeled 1 in Figure 1(b) , is observed at $10 GPa of applied stress, corresponding to $35 nm of displacement, and is followed by the formation of a surface step. Upon further compression, a second shear event, labeled 2 in Figure 1(b) , appears at a displacement of $50 nm associated with an applied stress of $13.5 GPa. Figure 1(c) shows the post-compression morphology of the pillar. The SAED pattern (inset in Fig. 1(c) ) acquired from the compressed pillar indicates that the pillar retains its single-crystalline B1 structure and does not undergo phase transformation or twinning. Figure 1(d) is a representative plot of stress vs. displacement measured during in situ compression of the TaC(100) pillar. The pillar deforms elastically during the initial stages of compression, while the measured displacement increases linearly with the applied stress. With increasing stress above the yield strength (r y ), the pillar deforms plastically and the displacement varies non-linearly with the applied stress. In order to determine r y , the stress-displacement data are plotted on a log-log scale and linear least-squares fits are used to identify the yield point at which the slope of the curve changes. In this experiment, the transition from elastic to plastic deformation occurred at an engineering stress, i.e. r y , % 10 GPa.
From the analysis of SAED pattern (inset in Fig. 1(c) ) and the projected direction of the shear traces observed in the TEM image ( Fig. 1(c) ), we determined that the normal to the shear traces passes through the (2 20) planes, i.e. the orientation of slip planes is f1 10g. Assuming that h110i, the direction with the shortest repeat distance in B1 lattice, is also the slip direction in TaC [8, 9] , we suggest that the primary slip systems operating during uniaxial compression of TaC(100) pillars are f1 10gh110i. This is plausible since the resolved shear stress is highest (Schmid factor, b = 0.5) for f1 10gh110i during compression along [100]. We realize that our result is in contrast with existing reports [7] that identify {1 11}h110i as the slip system, which could be due to differences in loading: uniaxial stresses in our experiments vs. hydrostatic stresses in indentation.
We find that the TaC(011) pillars subjected to uniaxial compression also exhibit shear deformation, similar to the mechanical response of TaC(100) pillars. Figure 1(f) , occurs at an applied stress of $17 GPa, corresponding to a displacement of $35 nm (see the stress vs. displacement plot in Fig. 1(h) ), and is followed by the formation of a surface step. From the shear traces observed in the TEM image along with the SAED pattern ( Fig. 1(g) ), following the procedure similar to that employed for TaC(100) pillars, we identify {1 11} as the active slip plane. Assuming that h110i is the slip direction, the resolved shear stress during loading along [011] is highest (b = 0.408) on the {1 11}h110i slip system compared to the {001}h110i (b = 0.353) and {1 10}h110i (b = 0.25) slip systems. Therefore, we suggest that {1 11}h110i is the active slip system during uniaxial compression of TaC(011) pillars. Table 1 lists DFT-calculated values of unstable stacking fault energies (the maxima in E GSF (x) curves) and the total energy per unit volume required to shear for several different possible slip systems in TaC. The unstable stacking fault energies, which are measures of resistance to dislocation nucleation, are found to be lowest (0.035 eV Å À2 ) along {1 11}h110i, followed by 0.103 eV Å À2 along {1 10}h110i and 0.139 eV Å À2 along {001}h110i. That is, {1 11}h110i is energetically the most favorable slip system for dislocation nucleation in TaC. The total energy per unit volume required to shear, which is a measure of ideal shear stress, is found to be lowest (0.092 eV Å À3 ) for {001}h110i, compared to 0.476 eV Å À3 for {1 11}h110i and 0.492 eV Å À3 for {1 10}h110i. We realize that our DFT calculations can only estimate the energies associated with dislocation nucleation in perfect, defect-free crystals at 0 K. Identifying the dislocation propagation mechanisms and plastic deformation pathways is computationally challenging, as they require significantly large simulation cells (>1000 atoms), multi-scale modeling of dislocation dynamics, and knowledge of the interatomic potentials for TaC, and hence are beyond the scope of this letter.
To gain better insights into the plastic deformation behavior in TaC, we carried out uniaxial compression tests Table 1 . DFT calculated values of unstable stacking fault energies [max(E GSF )] and total energies required to shear for TaC along different slip systems.
Max(E GSF ), eV/Å For a given crystallographic orientation, the deformation behavior of all the pillars is similar to the data presented in Figure 1 . And, the maximum stress withstood by the pillars before failure increases little with decreasing D. From the log-log plots of the stress-displacement data, we determined the yield points and r y,100 and r y,011 of the TaC(100) and TaC(011) crystals, respectively. Figure 2 (c) is a plot of r y vs. D for all the TaC pillars. While there is a large scatter of the data, within the measurement uncertainties, both r y,100 and r y,011 appear to vary little with D. We find that the average yield strengths are r y,100 = 9 ± 2.4 GPa and r y,011 = 11 ± 3.4 GPa. That is, TaC(100) is relatively softer, under uniaxial compression, than TaC(011). The size-invariant r y observed in TaC(100) and TaC(011) crystals suggests that neither {1 10}h110i nor {1 11}h110i are the "soft" slip systems in TaC [16] .
In our experiments, those slip systems with the highest b, i.e. {1 10}h110i and {1 11}h110i, are found to operate during uniaxial loading along [100] and [011], respectively, while the DFT calculations suggest that {1 11}h110i is the preferred slip system for dislocation nucleation. Also, the absence of size-dependence in the measured r y values suggests that dislocation density, which is expected to increase with increasing D, has little effect on r y . Based upon these results, we speculate that dislocation motion, rather than nucleation, along {1 10}h110i and {1 11}h110i controls the plastic deformation in TaC(100) and TaC(011) crystals, respectively. While our conclusion is consistent with that presented in earlier reports [5, 9] , we realize that pillar geometry can influence the size-dependences in r y [17] . Therefore, further investigation (e.g., measurements of r y using untapered pillars [18] , dislocation structure, and dislocation number density in the pillars before and after compression) is necessary to validate our hypothesis.
The observed (or lack of) size-and orientation-dependent mechanical behavior of B1-structured TaC is strikingly different from that observed in ionic compounds such as MgO [14] and LiF [12, 13] and the highly anisotropic size-dependent yield strengths found in ZrC [19] , another B1-structured TMC. Such a difference is not unexpected, given that the nature and relative strengths of metal-metal and metal-carbon bonds vary with the valence electron concentration in the lattice [20] and the covalent radii of the metal cations. Nevertheless, the phenomenon of room-temperature plasticity in ZrC and, through the results presented here, in TaC provide further evidence for the hypothesis presented over five decades ago [21] that NaCl-structured crystals can also be ductile at roomtemperature, at least in sub-micron-scale crystals.
In summary, we investigated the room-temperature mechanical behavior of TaC(100) and TaC(011) crystals subjected to uniaxial compression using a combination of in situ electron microscopy and DFT calculations. We find that TaC crystals undergo shear deformation and that their yield strengths vary little with crystal size. The measurements of yield strength as a function of crystal orientation reveal that the slip systems with the highest resolved shear stresses, i.e. {1 10}h110i in TaC(100) and {1 11}h110i in TaC(011), are active at room-temperature, and that TaC(100) is softer than TaC(011). Our results augment the existing knowledge derived from indentation experiments and provide new insights into the room-temperature deformation mechanisms operating in TMCs.
